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Rolling of po 1 ycry s ta t 1 i ne boron doped Ni^Ai was carried 
out on 2 mm thick slices. The rolling behaviour shows that 
antergrainular failure limits the ductility of these alloys. The 
ductility improved either with increased boron doping levels or by 
a slow cooling treatment which is supposed to cause segregation of 
boron at grain boundaries. 

Annealing of cold rolled alloys in vacuum sealed 

I 

ampoules caused recrystallization in samples rolled beyond 15* 
thickness reduction- Recrystallization in 50* deformation 
(thickness reduction) starts at h i gii energy sites like grain 
boundaries, deformation bands etc. and can be described by 
Johnson-Meh 1 -Avrami <JMA) equation. The parameters of JMA 
equations suggests a J-dimens i ona 1 growtfi with reducing growth 
rates during recrystallization. The Avrami exponent is found to 
be 2.26 which compares well with the literature values. The 
activation energy Is n8--146 KJ/mol in excellent agreement with 
the earlier reported values. 
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INTRODUCTION 

The high temperature structural materials commercially 
used today for aeroengine applications are mainly super alloys 
based on nickel, cobalt and iron. In the present world of 
improvement, the engine efficiency is of utmost importance. One 
of the ways to improve the engine efficiency is to raise the 
working temperature and as these alloys are being used closed to 
their melting points, it puts a severe limitation on further 
development with this class of material. Even though thermal 
barrier coatings and cooled structures are being tried, the key to 
the improvement lies in search for materials with better 
temperature capabilities- The ordered i ntermeta 1 1 i cs are 
potential candidates in this regard as ordered structures tend to 
inhibit thermally activated processes. In addition, their lower 
densities reduce the weight of the structijire and thus add further 
to the overall efficiency. 

Amongst ordered i nte rmeta I I i cs , nickel aluminide Ni^Al 
has certain added advantages. It has a positive temf:lerature 
coefficient for strength upto 600-70o'’c. It also possesses a 
homogeneity range in binary as well as ternary systems, giving 
flexibility for alloy design. Although its role in high 
temperature materials as precipitating phase y' in Ni-base super 
alloys is well known, complete exp 1 n i In I i on of its attractive 
properties in single phase material has not yet been possible. 
This is because of its extremely poor ductility and brittleness in 
po 1 y cry sta 1 1 i ne forms. Recent knowledge that microalloying with 
boron can ductilise Ni.jAl has renewed interest in ttiese alloys. 
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Thermal stability specially resistance to 
recrystallization gains importance not only from the processing 
point of view, but also during service. The combination of stress 
and temperature while in use may cause recrystallization, in a 
B-doped Ni.jAl has therefore been i nves t i gaffed and studies based on 
microscopic techniques as major tool are reported. 



CHAPTER 2 


LITERATURE REVIEW 

2» 1 Temperature and Compositional Stability 

2.1.1 Binary Ni-Al system 

The temperature and compositional stability in binary 
Ni-Al has been carried out using various techniques like X-ray 
analysis of slow cooled powders, thermal and micrographic analysis 
and magnetic measurements. Figure I shows the comp i lad Ni-Al 
phase diagram Cl], based on these measurements. In the 

nickel-rich side, there has been slight disagreement regarding the 
phase boundaries, but the version given in Figure 1 is accepted as 
most proper C2]. The phase diagram reveals the presence of four 
i ntermeta 1 1 i c phases; orthorhombic A I .^N i , hexagonal Ni^Al^ (formed 
per i tect i ca 1 1 y on Al-rich side), bcc NiAl and fee Ni,Al. While 
Al.jNi appears to be a line compound without a solubility range, 
others exist over composition ranges. NiT;Al has a homogeneity 
range 23-27.5 at. ^ A1 at 600°C, existing on both sides of 
stoichiometric composition. The homogeneity range, however 
reduces to about 5^ at higher temperatures, 

2.1.2 Effect of ternary solutes on Ni^Al 

As stated earlier, one of the advantage of Ni^Al is its 
ability to form solid solutions with many elements. It forms 
substitutional solid solutions with elements having large atomic 
diameters, while smaller atoms like boron and carbon form 
interstitial solutions. 

The properties of substitutional solutions depend 
greatly on what site the ternary additions substitutes. 
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Accordingly the substitutional soiutes are classified in three 
broad categories i:3]. 

<i) Solutes replacing Ni-atoms (like Co. Cu . Pd. Pt and Sc) 

: The solubility lobes of the ternary system shift from 

Ni side to ternary addition side. 

(ii) Solutes replacing Al atoms (like sl . Ti. Mn . V, Ge , Ga . 
Nb . Sb . Sn , Ta, Zn and Zr) ! The direction of shift of 
solubility lobes is from Al side to ternary side. 

<iii> Solutes replacing both types of atoms (like Fe, Cr, Mo 
W andHf) : The solubility lobes extend almost bisecting 
the quasi-binary section Ni^Al, Ni^X and Ni^Al-X^Al. 
Solutes like Fe, Hf, Cr etc. which lie mainly in 3rd 
group are commonly added to Ni^Al for various improvements. Fe, 
for example, not only gives solid solution strengthening, but also 
reduces material cost and improves hot ductility and f abr i cab i 1 i ty 
via formation of an ordered B2 phase CAl. The solubility limits 
of this group, however, shows a large variation in different 
studies. Solubility of Fe in Ni.jAl is reported to be as low as 4% 
[.5] and more than 12% C61. It is pointed out that Al/Ni ratio 
affects the solubility limits considerably C6]. Similar trends 

are seen for Hf having a solubility of about 9%, the curvature in 
solubility lobes, indicating the dependence of solubility on Al/Ni 
rat i o C7] . 

Figure 2 presents the experimentally determined 
solubility lobes at 1273K [8], though phase diagrams based on 
thermodynamic calculations are also reported C9]. 

The principal interstitial solutes in Ni^Al are boron 
and carbon. Boron has been studied in greater detail because of 
probable commercial applications. The room temperature solubility 

















limit of boron in Ni-Al is 0.5 + 0.05 wt^ Cabout 0.95 at5S.l beyond 


which boride of M 

25®6 

type appears 

at 

24% Ai cio: . 

It 

i ncreases 

to about 1.12% 

for 

sto i ch i ometr i c 

compos i t i on 

cm 

The 

solubility limit 

can 

further be 

increased to 

1 . 5% 

by rapid 


solidification techniques ZlZl. The actual distributions, however 
may be quite different from these average doping levels, be'cause 
of the tendency of boron to segregate on grain boundaries. This 
has been confirmed indirectly by micro hardness measurements [115]. 
The Auger Electron Probe analysis of i ntergra i nu 1 ar area or 
fractured surfaces of undoped and B-doped Ni^Al is shown 

in Figure 5 I!103. Based on the peak height ratio of boron to. 
nickel it showslO^ boron levels in grain boundary region with 
average doping of 0.05% in Ni-i4 A1 alloys. 

3. 3 Structural Aspects 

2.2.1 Unit Cell 

The room temperature structure for Ni^Al is an ordered 
cubic structure. It has Cu^Au type structure (fee based structure 
with structure beritch nomenclature Figure 4 shows the 

schematic unit cell, nickel atoms occupy face centred positions 
and aluminum atom are at the cube corner. The stoichiometric 
composition is obviously 5:1 giving the formulae as Ni^Al. The 
degree of ordering may differ from unity because the i ntermeta 1 1 i c 
exists over composition range on both sides of the stoichiometry. 

Based on the lattice parameter and density variation 
with composition, Aoki and Izumi C14T has shown that in 
off-stoichiometric Ni-rich compos i t i ons , Ni-atoms occupy cube 
corner sites in addition to the face centred positions. Similarly 
Al-rich compositions have Al-atoms occupying a few face centred 
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ELECTRON ENERGY (eV) 


t 


Fig. ? Auger spectra obtained from fractured surfaces of Ni^Al 

specimen^ (a) undoped Ni-24 at% A1 (b) Ni-24 at* Al-0.5 
wt* B. <c) same after 2 minutes of sputtering <d> Ni-25 
at* Al-0,05 wt* B. 
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A1 (Ll^ structure) 
Z 


10 


sites. Constitutional vacancies, however do not appear in all 
compos i t i ons . 

Ni^Al retains its ordered structure at elevated 
temperatures nearing melting points C14], changing to a disordered 
00^2 structure above critical temperatures. 

2» 2. 2 Lattice Parameter 

The earliest reported value of lattice parameter for 
Ni^Al is a = 3.589 A for the stoichiometric composition Cl]. The 
value reported for same composition by Guard and Westbrook C15] is 
3.5700 A, Apparently the processing history affect the parameter. 
Cooling rates may also influence the parameter and hence it is 
difficult to compare the different studies [11]. The lattice 
parameter changes in binary Ni-AI has been studied by vapour 
deposition techniques C16]. The parameter varied linearly from 
3.520 A for 0 A1 to 3.560 A for 25% A1 . Similar behaviour has been 
seen for bulk alloys C14], 

Studies on 8-doped Ni.jAl shows an increase in lattice 
parameter with increasing B under identical processing conditions. 
The value increased from 0.3552 nm for B-free alloys to 0.3560 nm 
for 0.5% B. Because of so 1 ut i on i s i ng or redistribution of B, the 
lattice parameter varied for constant B level with heat treatments 
[17]. Rapidly solidified material also shows an increase in 
lattice parameter .from 0.357 nm to 0.360 nm with boron variation 
from 0 to 6% [12]. The lattice parameter composition curve did 
not show any solubility limit though solubility limit was only 
1,5% B. Addition of carbon also gives large changes in lattice 
parameter [12]. 
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The lattice parameter variations of substitutional 
solutes from transition and B-sub group elements has also been 
studied C18]. 

2.2*3 JEffect of Processing 

Rapidly quenched Ni-2Z A1 revealed that fine anti phase 
domains outlined by disordered y phase are surrounded by coarse 
domains The trend is seen for 8-free as well as B-doped alloys 
C19]. The behavior is attributed to micro segregation C20]. 
Coarse domains are associated with Al-rich i nterdendr i t i c regions, 
where ordering temperatures are above solidus, whereas fine domain 
freeze from a disordered state directly. Rapid solidification in 
ternary alloys also gives ordered cells surrounded by disordered y 
phase C211. 

2.3. Diffusion 

The diffusion of atoms in ordered i ntermetal I i cs is 
comparatively difficult due to the constraints put up by ordering. 
This is the ma in source of the high' temperature capab i 1 i t i es of 
these alloys. In Ni^Al, diffusivity studies have been carried out 
both for B-free as well as B-doped alloys C22-Z43. 

Early studies of Hancock C22D on undoped Mi^Al show that 
while activation energy for diffusion of Ni in Ni^Al does not 
change considerably with composition, preexponential factor is 
lower at stoichiometric composition. The atomic movement 
therefore appears to be nearest neighbour vacancy atom exchange. 
However the ratio of activation energy for migration Em to the 
activation energy for diffusion (Em + Ef) is more than 0.? which 
suggests that like other ordered alloys diffusion is more 
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complicated than mere exchange of vacancies. 

Tracer diffusion coefficient measurements shows 
that the diffusivity of Ni in Ni^^Al is independent of A1 
concentration at temperatures exceeding 1000°C. At lower 

temperatures, diffusion with lower activation energy is 

seen. This has been attributed to temperature independant 
vacancy concentration i.e. the constitutional vacancies. 

The Ni^Al does not have constitutional vacancies on either 
side of the stoichiometry II14I] and one possible reason of such 
vacancy concentration can be impurities like 3 wt ppm 

silicon in the sample [243. Addition of boron increases the 
diffusivity of Ni. Nickel is known to co-segregate with B at 
grain boundaries [233 and hence increased diffusivity looks to be 
justified. Figure 3 shows the temperature dependence of 
diffusivity of Ni in Ni.jAl by various workers showing a good 
agreement at higher temperatures. 

The diffusivity of Ni in Ni^Al increases with addition 
of Co or Ge, though increase is less than that observed for 
in pure Ni . This is attributed to different electronic 
configuration of Ni and Ni.^ Al. 

Grain boundary di f f us i v i t i es measured using diffusion 
couple Ni/Ni.jAl + B, between temperature range 935-1124°C [263 

show that grain boundary d i f f us i v i t i es are 3-6 orders of magnitude 
higher than volume di ffus iv i t i es , Activation energy, however, 
is higher for grain boundary diffusion. 

2« 4. Transformation Kinetics 

The kinetics for recovery recrystallization and grain 
growth have been studied for many Ll^ compounds. The studies on 



1 3 


r ro 



loVr IK-') 


g.5 Temperature dependance of diffusivity of Ni in Ni^Al 

irjdifferent works. 
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90^ cold rolled Cu^Au C27D revealed that rate of recrystallization 
above Tc is about 100 times higlier than tiiat below Tc. Tins 
suggests that recrystallization is inhibited by the ordered 
structure. The recrystallization texture formed below Tc is 
retained rolling texture while above Tc comprised of different 
texture component though recovery remained unaffected with the 
state of order, the activation energy being 51 kcal/mole both in 
(Ordered as well as disordered state. The activation energy for 

I 

recry s ta 1 1 i za t i on was reported to be 27 kcal/mole for ordered 
state and 56 kcal/mole in disordered state, as compared to 
calculated activation energy for self diffusion as 46 kcal/mo/le . 

Annealing behavior of Zr^Al dS v<c\\ cvi binary Ni^Al is 
well described by Avrami equations C50]. 

= 1 “ exp ( -bt'^> . 

Where X is the fraction recrystallized in time t, b and 

V 

n are constants. Recrystallization in Zr^Al for Xv < 0.4 shows 

the value of n = 2 with activation energy for 50^ 
recrystal 1 I zat I on as 2.2 eV [28]. For binary Ni^Al with 
composition Nl-25-9 A1 , exponent n was found to have a value 
between 1 and 2 without any definite linkage with temperature. 
The constant b, however showed a definite increase with 
temperature. The behaviour for n and b thus suggested 
unidirectional growth with either or both nucleation and growth 
rates increasing. Activation energy for a 50^ recrystallization 
compared well with that of volume diffusion [29]. Such trends 
have been seen for B2 NiAl also C7*l]. 
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B-doped Ni^Al recrystallizes with a kinetics expressible 
by the Avrami equation. The Avrami exponent of the order of 2 
compared well with binary Ni^Al measurements, but the activation 
energy for recrystallization was quite lower 1.2 eV as compared 
with 5.4 eV in binary alloys C32]. Table 1 shows the compilation 
of available literature on these alloys C52]. 

Grain growth in pure Ni^Al has been described by the 
power law relationship 

d = C t" 

Where d is the average grain size after time t. C and n 

are empirical constants, depending upon the temperature. Constant 

'C includes a term for mobility of grains and hence increases 

with temperature, Exponent n, has a theoretical value of 0.5 in 

pure metals, however impediments in grain boundary migration 

reduced this value to practically used value of 0.53. The values 

for Zr,Ai C283 as wall as Mi,Al C293 were quite nearer to this 
3 5 

value. 

2. 5 Mechanical Properties 

Being a potential structural materials, Mi^jAl has been 
well characterized in terms of its mechanical properties, A 
larger interest however lies in its anomalous strength increase 
with temperature, improvement in ductility and creep properties 
essential for engine applications. These properties are reviewed 
here, other properties has been reviewed concisely by stoioff C43. 



TABLE 1 Experimental data on the recrystatlization kinetics and related values ofintermeiadic compounds and pure copper 


Matenai 

n 

Qr 

(e-V) 

Qo 

{eV) 

AH 

no"] 


Reference 

Cu 

1. 1 

LI 

2.0' 

I 


18. 19 

Ag 

1.0 

1.6 

1.9' 

l.J 


15. 19 

Cu-2wr.%Au 

— 

— 

— 

0.6 


15 

Ag-0.2wt,%Al 

— 


— 

0.6 


15 

Co,Ti 

0.6 

L8-2.5 




12 

Zr,Al 

2 

2.2 

— 

— 


11 

NiAl 

1-2 

3.6 

3.1*^ 

— 

- 

9 

Ni,Al' 

1-2 

3.4 

3.2*^ 

f — 


10 

B-doped Ni 3 AI 

2.2 

1.2 

— 

3.2 


Current work 


/I is ihc Avrami exponent. Qr and Qq are the respective activation energies for rccrysiailizaaoTi and diffusion and AH is the 
stored energy of cold work. 

^SeiWIffusion (20|. 

^Nickel In a nickel compound (21 ]. 

^Nickel in a nickel compound (22|, 
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2. 5. 1 Strength 

NijAl like many other Ll^, compounds anomalous 
temperature coefficient for strength. Its flow stress increases 
with temperature to almost 3 fold the room temperature value at 
600-700°C, beyond which a normal fall is seen. Both single 
crystals as well as polycrystalline forms shows such behavior. 
The flow stress increase is the result of thermally activated 
cross-slip of Cl Oil (111) screw dislocations to the (010) plane 
where they are sessile C331. The barriers become irrelevant at 
higher temperatures due to massive cube slip on (010) plane and 
hence the fall of strength. 

In addition to the strengthening due to long range 
ordering, Ni^Al may be strengthened by normal techniques like 
grain boundary and solid solution strengthening. 

Grain boundary strengthening in Ni.jAl can be expressed 
by Hall Patch type relationship 

o ~ o + kd 

y o 

The fitting of experimental data gives value of n to be 
0.8 instead of Hall Fetch exponent 0.5 C34]. Increased yield 
strength with finer grain size can be explained in terms of work 
hardening in Luders Bands. 

Solid solution strengthening for a large number of 
solutes has been studied C351. A1 and solutes substituting for Al 
gives an increase in strength while Ni and solutes substituting 
for Ni does not strengthen Ni^Al, rather softening is seen in some 
cases. Elements which may go to either of Ni or Al sites have a 
larger range for strengthening. The potency for strengthening 
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with interstitial solutes like B or C is much higher than 
substitutional solutes C56]. 

2. 5. 2 Ductility 

Ni^Al shows reasonable ductility in single crystal 
forms. Though textured columnar grain structure has shown some 
ductility with 17 % elongation C371, the polycrystalline forms in 
general have almost zero ductility C381. The ductility of 
these alloys in influence by various factors [39] : 

i) alloy compositions like Aluminium and boron levels. 

ii) alloy preparation and thermo mechanical treatment 

iii) trace impurities (such as oxygen and sulpher) 

iv> test environment 

v) grain size. 

Figure 6 shows the variation of ductility with 
composition [10]. Considerable improvement can be seen with 0.02 
wt5K B though B in large quantitites reduces the ductility and with 
0.4 wt^ B the second phase borides are seen and ductility falls 
below 10!^. Variation of ductility with A1 concentration in 0.05 
wt^ B doped alloy shows th. ductility improves considerably in 
Ni-rich alloys. Al-rich alloys however remain brittle. 
Substitution addition like Pd are also seen to improve the 
ductility. 

Though ductility of B-doped Ni^Al shows an insensitivity 
to grain size at lower temperature, it fell appreciably with 
increasing grain size at higher temperatures. The one reason 
suggested for such behaviour is the formation of Ni-rich permeable 
oxide layer for coarser grains which changes to Al-rich 
impermeable layer for finer grain sizes. Various ways to improve 
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ductility in B-doped Ni^Al are available. Alloying with Cr C40] 

gives an oxide film shutting off path of gaseous oxygen from grain 

boundaries and base metal. Another way to change the oxidation 

resistance of material is to heat treat the material in such a way 

th el compos i t i on of Ni~rich permeable oxide layer is affected C41]. 

Though ductility under standard constant strain rate 

test may be limited, the Ni^Al alloys shows super plastic behavior 

C42]. The maximum elongation of 638^ in Ni_Al with 8 wt . % Cr 

? 

was limited due to dynamic recrystallization. 

3. 5. 3. Creep 

One of the major barriers to the single phase Ni^Al 
structures has been their low creep resistance contrary to the 
expectation of improved creep resistance due to ordered structure, 
NijAl alloys shows lower resistance as compared to superalloys. 
The creep resistance can be increased with addition of solutes 
like Hf , Cr , Zr and Ta, obviously the coarser grain improving the 
resistance with other parameter being equal. Hf is particularly 
tried because it gives a simultaneous increase in the strength 
[43!]. Study with various ternary additions in single crystal 
Ni^Al [44] shows that Ni^Al alloys may have creep resistance 

comparable with superalloy, although density advantage is 
lost. 

2. 6 Scop© of Present Work 

The review of literature shows that although thermo 
mechanical treatment of Ni^Al is likely to improve its properties, 
this has not yet been tried. In this investigation, in order to 
investigate this aspect, rolling and recrystallization behaviour 
of Ni.jAl studied as a first stay. 
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CRAJ>TER 3 

EXPERIMENTAL PROCEDURE 

3-1 Alloy Preparation 

3> 1 * 1 Starting Materials 

The starting materials for the alloys were nickel 99.99% 
purity, aluminium of 99.999% purity and crystalline boron chunks 
of 99% purity. The weight of component required for melting was 
taken directly from weight percent fraction without assuming 
preferential loss of any component. 

3.1.2 Melting 

The alloys were melted into buttons of about 20 grams 
weight in a non consumable tungsten electrode water cooled copper 
hearth arc melting furnace. Boron as a light element will float 
and can get lost during striking with arc. Further aluminium has 
a lower melting point then nickel and hence the stacking sequence 
of elements in the crucible was planned for boron, aluminium and 

on top, nickel. However with small button melts, the actual 

conf i gurat i on was a large flat nickel piece in centre surrounded 
by other metallic pieces with boron at the bottom. 

The furnace was evaluated and flushed with high purity 

argon before striking the arc. The alloy buttons were melted 

three times to ensure homogeneity. After each melting the button 
was turned over, the furnace evacuated and flushed with high 
purity argon. After melting, the buttons were weighed to obtain 
the we i ght loss. 
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3. 1 . 3 Homogenization 

The alloy buttons were vacuum sealed in fused silica 

_ Q 

tubes using a rotary pump to obtain a vacuum of the order of 10 
torr. Based on the previous experience [45], a homogenization 
schedule of 1150°C for 5 days was followed. The homogenization 
was carried out in SiC vertical tubular furnace maintained within 
±2°C using Indotherm proportional controllers. The amouples were 
water quenched after homogenization. 

1 » 4 Anneal i ng 

The benefecial effect of strengthening by boron can be 
seen if boron is allowed to segregate on grain boundaries. Slow 
cooling from higher temperature allows the boron to redistribution 
at grain boundaries [46], A boron redistribution annealing was 
given to homogenized buttons in vacuum sealed ampoules as follows 

1000°C for 1 hr > 500°C/2 hr *- Furnace Cool to Room Temp 

in 2.5 hr 

3. 2 Recrystallization 

3. 2. 1 Sample Preparation 

2 mm thick slices were cut from the central portion of 
the button on a ISOMET low speed diamond saw. The slices were 
trimmed from all sides and polished to a rough finish. The 
rectangular slice thus obtained was y^iewed at low magnification to 
ensure that it is crack free to start with. 

3.2.2 Rolling 

SI ices were rolled in a 2 high cold rolling mill. The 

roll gap was reduced slowly by about 400-500 ^m in each pass. 
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Specirnen was inspected for signs of cracks after each pass, till 
desired level of reduction in thickness could be obtained. 

3.2.3 Rocrystallization Annealing 

The deformed slices were cut in three pieces, each piece 
was vacuum sealed in fused silica ampoules at vacuum > 10 ^ torr 
and were annealed at different temperatures in SiC tubular 
furnace. The temperature accuracy was ±2°C. To study the time 
effect, cumulative time on a particular temperature, a particular 
piece has gone through was monitored by resealing the samples. 

3.3 Optical Microscopy- 

After initial polishing on emery paper, samples were 
cold mounted and polished with 1 /j alumina powder and etched. 
Etchant used was marble's Reagent consisting of 5g CuSO^, 20 ml 
HCl and 20 ml H^O. Etching times of 25-30 second usually 
sufficed. 

Quantification for the fraction recrystallized was 
carried out with the optical micrographs of r eery sta 1 1 zed grains 
obtained. Volume fraction and area fraction were treated equal. 
Area fractions of the early stages of recrysta 1 i zat i on were 
calculated by putting a transparent graph sheet with smallest 
square of 1 mm x 1 mm over the pictures. The points in 1 mm x 1 
mm square which have recrystal I i zed were counted over the whole 
picture areas. In later stages of recrystallization when large 
colonies of recrystallized grains were seen, the area fraction was 
calculated from the total areas of such colonies. The area viewed 
usually was 425 x 525 pm, though larger areas at a lower 
magnification were sometimes taken to avoid the discrepancy on 
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3.4 Scanning Eloctron Microscopy 

Scanning Electron Microscopy for the homogenized alloy 
was carried out on 25 kV JEOL Scanning Electron Microscope (SEM> 
attached with EOAX facilities. The samples prepared for optical 
microscopy were good and no additional preparations were made. 

3.5 Differential Scanning Calorimetry 

Differential Scanning Calorimetry (DSC) on the deformed 
samples were carried out on a computerised stanton Redcroft DSC 
1500 system. Samples of 2.5 mm x 2.5 mm size were cut so that 
they could sit properly in alumina specimen crucibles. Undeformed 
specimen of the same size were used as a reference. 

□SC cell was earlier calibrated both for heat flow rate 
and temperature using pure metals like indium and aluminium. 

Isocronal annealing was carried out by heating in high 
purity argon atmosphere from 50*^C to 1100 C at the desired heating 
i-ates. Isothermal studies were not carried out as sample 
temperature did not stabilise to a reasonable accuracy. 
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CHAPTER 4 

EXPERIMENTAL RESULTS 

4. 1 Homogenized Alloy- 

Two alloys <designated as A and B in ta-fcer parts), 
melted in two 20 gms buttons size did not show appreciable weight 
loss and the nominal compositions were accepted. A third alloy 
with lower weight loss was taken from a co-worker and is 
designated as 'C. This alloy was also prepared in the same 
manner as 'A' and 'B', The details about the compositions and 
weight losses on melting are given in Table 2, 

Homogenized samples were annealed and examined in 
scanning electron microscope. The micro-structure showed 

homogenized structure and absence of 2nd phase particles. A 
typical micrograph is shown in Figure 7 for alloy 'C . To ensure 
homogeneity, point analysis was carried out for different area 
using EDAX analysis. Ni-content did not vary from point to point. 
The large elongated grains in the homogenized structure were same 
as those commonly seen in the cast structure. A typical 
micrograph is shown in Figure 8. 

4.2 Rolling Behaviour 

Rolling behaviour of the alloys is summerised in 

Table 3. 

Alloy A showed the rolling limit to be 12^ when it is 
quenched in water after homogenization treatment. The rolling 
limit improves to about when the annealing treatment described 

in section 3.1.4 is given after homogenization. Figure 9(a> shows 
the micrographs of alloy 'A’ after rolling and annealing at 1000°C 
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Table 2 

COMPOSITION AND WEIGHT LOSSES ON MELTING IN THE ALLOY BUTTONS 

MELTED FOR PRESENT STUDY 


Nomemc lature Composition ' Weight Weight weight'loss 

atom % wt % before after % 

melting melting 


A 

<Ni-24Al>g^ 

Ni -12 .6702A1- 

20.4145 

20.3085 

0.519 


®0. 10 

“0. 0211B 

gms 

gms 


B 

(Ni-ZAAD^g g- 

Ni-12.6675Al- 

19.4984 

19.4059 

0.474 


®0.20 

-0 . 0424B 

gms 

gms 


C* 

(Ni-24An^^ g- 

Ni-12.6675A1- 

19.9129 

19.8971 

0.079 


7n 

-0 , 0424S 

gms 

gms 



*Borrowed button segment . 
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Scanning Electron Micrographs of structure of 
homogenized and annealed alloy 'C at different 
magnification showing the single phase cast structure. 
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Micrograph showing structure of homogenized and annealed 
alloy 'C showing the directionality of grains C x5Q] 


kis?iy 






Micrographs showing the structure of ' homogenised, 
annealed and 15^ rolled alloy 'A' after a treatment at 
1000°C for 1 hr (a) showing typical features of rolling 
(x70> (b) showing the deformation markings in the alloy 
Cx5503 


Table 3 


•2 8 


ROLLING CHARACTERISTICS OF BORON DOPED Ni_Al 


% reduction in Visual Examination 
thickness by 
roll i ng 

A homogenized ~125S Lot of Cracks both 

from inside as well 
as form the sides of 
the specimen. 

homogenized ~15% Small number of cracks 

and annealed originating from the 

sides. 

homogenized ~8% lot of cracks along 

annealed, cold the grain boundaries 

worked 15^ rolled 

and annealed (at 

1000'^C5S 60°C 

f 0 1 lowed by s low 

coo 1 i ng 

B homogenized ~205o 1 or 2 cracks in the 

and annealed middle of the specimen 


C homogenized No cracks were seen 

and annealed on visual examination 



Alloy Treatment 

Des i gnat i on 
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for 1 hour. It shows the typical features of rolling. Figure 
9(b) shows the deformation markings in the alloy rolled. Alloy 
'A rolled 15^ and annealed could not take up further deformation 
exceeding 8^ and heavily cracked. Figure 10 shows the grain 
boundary cracks in such alloys. It may be noted that all the 
cracks are inter granular in nature. 

Alloy '8' homogeni.zed and annealed could be deformed to 
20^ reduction in thickness without major cracking. Alloy 'C 
could be deformed to 30^ reduction in thickness. Figure 11 shows 
the micrograph of the rolled structure. No visible cracks were 
there in the sample, but during later part of investigation, grain 
separation in one area was noted. Figure 12 shows the grain 
separation in alloy 'C' rolled by 50^ and annealed at 890°C for 
40 min. 

4.3 Recrjnstallization 

4.3.1 Alloy A ~ 1SJ6 deformation 

Specimen of alloy A with 1 reduction was annealed -^or 
1 hour at 1000°C and microstructure of the same is shown in_^Figure 
9. It did not show any signs of recrystallization. Since higher 
deformations by rolling could not be given due to cracking, 
recrystallization work in this alloy could not be carried out. 

4.3.2 Alloy B - 20?tf deformation 

Figure 13<a) shows the microstructure of 1000°C for 15 
minutes. It clearly shows the initial recrystallization. 
Re cry s ta 1 1 i zat i on occurs primarily at grain boundaries and grain 
edgesrather than grain centres. In 135 minutes at 1000 C, the 
spec i men comp letely recrystallized (Fi gur e 13(b)) . 


Since this 
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Fig. 10 Micrograph showing the structure of homogenised, 
annealed, rolled and annealed al loy. after 8^o rolling 

showing integranualr crack Cx 553. 
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Fig. 11 Micrograph showing the mi crostructue of homogenised anc 
30% rolled alloy 'C showing the elongated grains Cx ?03 
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f 



Fig. 12 Micrograph showing the microstructure of rolled and 

annealed (850^C/40 min) alloy 'C showing the grain 
separation, A few recrystallized grains are also seen 
Cx 200], 



(a) 


<b) 


Fig. 13 Micrographs showing the microstructure of ZQ% rolled 
alloy 'B' after a treatment at 1000°C for <a) 13 min. 

showing recry stal 1 i zat i on at recrystallized grain 
boundary and grain edges (b) 135 min, showing almost 

complete recrystallization Cx70] 

, , f kampqR - 


ice. No, 




material also showed v/isual cracks, the detailed recrystallization 
studies could not be carried out in this alloy, 

4.^.3 Alloy *C* “3056 deformation 

Alloy 'C' did not show any visual cracks till 305S 
deformation and hence was used for detailed recrystal 1 i zat i on 
stud i as . 

850°C s Figure 14 shows the progress of 
recrystallization at 850°C. 20 minutes of annealing at 850°C 
shows a vary few nucleation of recrystallized grain mainly along 
the grain boundaries (Figure 14<a>). In 40 minutes. the tiny 
nuclei of recrystallized grains were clearly seen along the grain 
boundaries and on parallel lines within the grain (Figure 14 <b> 
and also Figure 12). Further increase in fraction r e c ry sta 1 1 i zed 
at 60. 90, 100 and 120 minutes was mainly limited to growth of the 
colonies at these sites (Figure 14 (c> to (f)). Note that Figure 
14(d) shows different sizes of the recrystal I i zed grains present 
in the same specimen. Figure 15 shows the micrograph at a lower 
magnification after 120 minutes and shows that though 
recrystal 1 i zat i on has progressed considerably in many grains, it 
is absent in a few grains. 

900°C : The progress of recrystallization at 900°C is 
shown in Figure 16. The recrysta 1 1 i zat k on progresses from an 
average of 2.9^ at 20 minutes to 47^ at 60 minutes. In addition 
to the recrystallized grains at prior grain boundaries 
recrystallized grain colonies were seen in a few prior grains in 
parallel colonies within the grain (Figure 16(c) ). 

925®C * Progress of recrystal 1 izat ion was very fast. 
The specimens showed a considerable amount of recrystallization of 
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'ig.l4 Micrographs showing the progress of recrystallization in 
30% rolled alloy "C’ at 850°C (a) 20 min <b) 40 min (c> 
60 min (cj ) gowi-n. Cej t oo mi r» Cf )) 2 .oiv)i> 
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Fig. 15 



Micrograph of the structure of 3Q% rolled alloy 
after recrystallization at 850°C for 120 min. 
recrystallization is absent in one grain C x 50] 


'C 

The 




(c) 


Fig, 16 Mircrographs showing the progress of recrystallization 
in 1>Q% rolled alloy 'C* 900 C for <a) 20 min (b) 40 min 
<c)60minCxE00] 
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8.33^ within 20 minutes (Figure 17(a)) and these specimens 
completely recrystallized within 1 hr (Figure 17(c)). The coarse 
sizes of 25 fum of recrystallized grains are seen here. 

The fraction recrystallized at various temperature as a 
function of time is tabulated in Jable 4, Fraction recrystallized 
as a function of time at various temperatures is also plotted in 
Figure 18. 


4* 4 DSC Measurements 

Figure 19 shows the DSC plots obtained at 10, 15, 20 
K/Min. constant heating rates for 20% rolled alloy 'B'. The onset 
of recovery is seen clearly by deviation from the base line. 

The temperature range, over which recrystallization 
occured, reduced with increasing heating rates. The IQK/Min. plot 
clearly that recrystallization progresses in different stages, 
though the stages are not separable at 20K/Min. 

The heat released during the recrystai I i zat i on was 


calculated to be about 3 cal/gm. 
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Fig. 17 Micrograph showing the progress of recrystal 1 i zat ion 
30^ rolled alloy 'C at 9Z?°C for (a> 20 min (b) 40 
<c)60mini;x2003 


i n 
mi n 
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Table 4 

AREA FRACTION RECRYSTALLIZED AT VARIOUS RECRYSTALLIZATION 

TEKPERATURES WITH TIME 


Alloy 

Reduct i on 
i n 

th i ckness 
(5g) 

Temperature 

(°C> 

Time Area fraction 
(min) recrystallized 

( in 425 X 525 /^m) 
Area 1 Area 2 

Average 
VO 1 ume 

A 

15 

1000 

60 

NIL 


0 . 00 

B 

20 

1000 

15 

0.20 

- 

0 .20 



1000 

135 

1 .00 

- 

1 . 00 

C 

30 

925 

20 

0 , 08 5 

0 . 081 

0 .083 




40 

0.501 

0 . 294 

0 . 2976 




60 

1 . 0 

1 .0 

1.00 



900 

20 

0. 030 

0 . 028 

0 .029 




40 

0 . 084 

0 , 1,20 

0.102 




60 

0.461 

0.479 

0 . 47E> 



350 

20 

0.01 

- 

0 .01 




40 

0 . 042 

0.067 

0.05 




60 

0 . 092 

0.108 

0.10 




80 

0.192 

0 . 209 

0 . 20 




100 

0.312 

0.351 

0.53 




120 

0.615 

0 . 586 

0.60 


925"C 

900°C 

850°C 



Fig. 18 Plot showing the fraction recrystal i zed in roll 

alloy 'C as function of time at various recry sta 1 1 i zat 
temperatures. 
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CHAPTER 5 


DISCUSSIOM 

^ Rolling Deformation Behavior 

Data listed in Table 3 show that homogenized^ alloy 'A' 
shows only IZ% reduction in thickness. Annealing (see sec. 3. 1.4) 
does increase the percentage reduction in thickness. This is 
consistent with postulations C46] that slow cooling redistributes 
the boron to grain boundaries and thereby improves the ductility. 
Recrystallization treatment imparted to alloy 'A’ with 13% 
reduction in thickness does not increase the percentage reduction. 
This is clearly due to the presence of cracks in the initial 
mater i al . 

Alloy 'B' contains 0.2 at% B compared with 0 . 1% in alloy 
'A*. According to the reported variations of ductility with boron 
content (Figure 6>, alloy 'B' should show higher ductility and 


indeed alloy 'B’ 

could 

be 

deformed by 

20% 

as compared 

to about 

1 3% for alloy ' A ’ 

■ 






Alloy 

'C a 

1 so 

conta i ned 

0.2 

at% B 'in 

nom i na 1 

compositions, but 

cou 1 d 

be 

deformed 

by 

30% reduction 

w i thout 


visual signs of cracking. The relative response of these alloys 
to rolling is clearly due to the uncertain amount of boron which 
could be retained after melting. It is well known that during 
melting boron gets easily oxidized and evaporated. Therefore the 
amount of boron picked up remains uncertain. We had no means to 
determine the exact boron content of these alloys, however 
deformation behaviour suggests that in the alloy 'C’ . a larger 
amount of boron is retained, whereas in alloys A and B, boron loss 
is appreciable. The weight losses were also higher for alloys 'A' 
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and 'B’ in the range of about 0.5^ as compared to Q.08 % for alloy 
C . It is observed in this investigation that cracks generally 
tend to initiate at the edges. When the specimen edges are 
ground, the crack propagation is quite suppressed. The fai lure 
was always due to i nte rgra i nu lar cracks. Such grain boundary 
weakening has ben observed in previous works also ClOl. The 
presence of boron in 0.2 at % is reported to increase ductility to 
about 48% tensile e I ongat i on C 1 0 ] , where as in best alloy 'C‘ 
deformation is estimated not to exceed 55% in view of the 
initiation of crack (Figure 12). This is probably due to the 
coarse grains of 300 pm present in the material in addition to 
the probability of lesser boron . Coarse grained material exposed 
to higher temperatures show a considerable loss of ductility due 
to oxygen pick up [47], 

The recrystallization in various grains progresses at 
different rates as typically shown in Figure 15. One grain is 
completely free of recrystallization, whereas the others show 
appreciable amount of recrystallizations. This clearly suggests 
that all the grains are not deformed to the same extent. This has 
been observed in many systems [48, 49] including Ni^Al [50], The 
non-uniform deformations of grains can be explained due to the 
coarse grains having different orientation, thus the grains which 
are not suitably oriented, may not be deformed easily when the 
average deformation Is 30%. As observed earlier that 15^ 
deformation does not induce the recrystallization, it appears that 
recrystallization free grains in 30% deformed samples had a quite 
lower amount of deformation. 
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Recrystallization Behaviour 

DSC curves (Figure 19) clearly show that in cold worked 
Ni^Al, recovery occurs over a large temperature interval before 
initiation of recrystallization. The recovery processes are not 
thoroughly investigated. The recrystallization start at about 
8Q6°C at 10 k/min. constant heating rate. The meta 1 1 ograph i c 
studies show that around 05Q°C, the recrystallization rate is 
adequate for investigations by metal 1 ograph i c techniques and at 
temperatures about 925°C, is too high for accurate me ta 1 1 ograph i c 
characterization. 

Recry s ta I 1 i zat i on is known to occur by nucleation and 
growth. In this investigation, primary nucleation sites have been 
grain boundaries, as shown in figurs 14(b) and (d) . Grain 
boundaries and grain corners have also been found to nucleate 
recrystallization (Figure 0(a)>. This is expected as these are 
the high energy sites. Another important nucleation site observed 
is almost parallel rows of recrystallized grains into the prior 
grains (Figure 14(b) and Figure 12). This may be attributed to 
the defect produced within the grains by slip during deformation. 
Deformation bands were also the sites of nucleation as shown in 
Figure 16(c). Deformation bands are heavily deformed regions 
where the orientation differ appreciably from locations to 
locations within the grains, such regions are known to polygonisa 
easily and e 1 Imi nat i on of two boundaries leads to the nuclceation 
of s-train free grains. This mechanism has been observed in a 
number of heavily deformed metals CM3. This observation confirms 
the earlier belief that some grains can get heavily deformed 
giving non uiform deformation of the material. 

The mechanism of nucleation usually observed at low 
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deformations is due to strain induced migration of grain 
boundaries C51]. No evidence of this mechanism is however seen in 
our investigation. 

Figure 17(c) shows the completely recrystallized 
microstructure. Here the average grain size is only about /jm 
as compared to the initial grain size of 500 pm in starting 
homogenized and annealed alloys. Thus recrystal 1 i zat i on treatment 
can reduce the grain size considerably. It is known that finer 
grain sizes should improve the ductility C391. The 
r eery s ta 1 1 i zat i on should therefore be capable of giving better 
mechanical properties. Consequently thermomechn i ca 1 1 y treated 
Ni^Al should produce better materials. 


5.3 Kinetics of Recrystallization 

Kinetics of recrystallization, being a nucleation and 
growth process is traditionally expressed by Ohonson-Meh 1- Avrami 
equation C501 

X=l-exp(-bt^) <1> 

where X is the fraction recrystallized after time t,b is 

/ 

constant which depends upon both the nucleation and growth rates 
and n is Avrami exponent which depends upon the mechanism of 
recrystal 1 i zat i on . 

Eqn . 1 can be re written as 

In C-ln <1-X) = Inb + n In t <2> 

Eqn 2 shows that slopes of plots of lnC“ln(l-X)l against 
In t can be used to give the Avrami exponents. Data given in 
table 2 have been plotted as per eqn. Z in Figure 20. At 850'^C, 
all the points below 5?^ racrystal 1 i zat i on fell on a straight 
line, as expected from the eqn. 2. At higher volume fractions, 



Do006 

Do098 



different temperature. 
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the data deviated and could be approximated with another line with 
different slope. For the data points at 900°C and 925°C straight 

lines parallel to those obtained with data at 850°C have been 

drawn, due to lack of enough experimental data points at 900°C and 
925 C, Avrami exponent for the lower fractions recrystallized was 
2.26 and increased to about 5.5 for higher fractions. The value 
reported for 90% cold rolled B-dooed Ni,Al in earlier 
investigation C52] is 2.1 - 2.3. This is in excellent dagreement 
with the value found in our investigation at lower volume 
fractions. The higher value of n at higher volume fractions is 
not reported in earlier study and might have been suppressed due 
to severe cold work. 

During recrystallization, nucleation has been shown to 
occur at various high energy sites. The rate of nucleation is a 
function of free energy available for nucleation, however during 
recrystallization, recovery takes place simultaneously. The rate 
of nucleation must decrease rapidly at higher volume fractions 
recrystallized. Thus one may expect nucleation rate to be very 
high in the beginning, with a rapid fall with the progress of 
r eery s ta 1 I i zat i on . Consequently one may assume that most of the 
nuclei appear in the beginning and later contribution of the 
nucleation to the Avrami exponent should be negligible. 

Linear growth is expected to occur during 
recrystallization. Linear growth rate is proportional to the free 
energy across the migrating transformation interface. As 
explained above, the recovery must decrease the growth rate with 
time. The contribution to the Avrami exponent from growth, 
therefore, must be less than 3 for 3-dimensional growth, but 
greater than 1.5 because growth is not parabolic initially. 


This 
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is consistent with the value of 2. 26 observed in this 
invest igat i on . 

Nucleation in Ni^Al occurs along grain boundaries and 
deformation bands with most of the nuclei appearing early in the 
t ran s format ion, wh ile the progress of the recrystal 1 izat ion occurs 
by growth of available nuclei. The magnitude of the growth also 
seems to reduce with progress of recrystal 1 i zrati on due to 
recovery. 

Activation energy of the recrystal 1 L zat i on can be 
calculated from the Arrhenius Relation. 



where t^ is the time to achieve volume fraction 
recry sta 1 1 i zed x at temperature T. Plots of In t^ against I/T are 
used to calculate activation energy Q^. Such plots for our 
investigation for various stages of recrystal li zat ion are shown in 
Figure 21. They yield activation energies of 1.23 - 1.5Z eV, 

showing a slight increase with increasing recrystal liza.t ion. The 
value compares well with value of 1.2 eV obtained easrlier OSl. 
As compared to activation energy of diffusion of Ni in Ni^ftl i.e. 
509 kJ/moi <5.2 aV) , it is only 475g of activation energy of 

diffusion. Generally the activation energy for recrystallization 
is lower than that of diffusion. Defects produced during 

deformation tend to reduce the activation energy for diffusion. 
For example the presence of vacancies can reduce the activation 
energy of diffusion by as much as 50^ [51]. The presence of 

dislocation etc. may therefore reduce the activation energy for 


recrystallization by providing an easier path for diffusion. 
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Fig. 21 Plots of In t^ against 1/T for various fractions 

recrystallized for recrystallization in 30% rol 1 ed^al loy 
'C . 







CHAPTER 6 


SUMMERY AND CONCLUSIONS 

Rolling behaviour of the homogenized alloys revealed 
that increase in boron content increases the ductility. 
The beneficial effect of boron is clearly shown if boron 
is redistributing to grain boundaries by slow cooling. 
Loss of boron during melting reduces the ductility, 
below the reported literature values. 

Recrystallization occurs primarily at high energy sides 
like grain boundaries and deformation bands. The grain 
size refinements possible by recrystallization may be 
utilized to improve the mechanical properties via proper 
thermo mechanical treatments. 

The kinetic of recrystallization can be described by 
Johnson-Meh 1 -Avrami equation. The possible explanation 
for the Avrami exponent obtained can be either the 
reduced nucleation, or reduced growth rates or both with 
the progress of transformation. 

The activation energy for the recrystall i zat ion is about 
half the activation energy for diffusion of Ni in Ni^Al. 
Though the process of recrystallization is quite complex 
for direct comparision of activations energies still the 
reduction can be^ explained by lesser resistance 
diffusion paths produced by deformation. 
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APPENDIX 

ACTIVATION ENERGY 


In 

order to 

test the internal 

consistency of 

the 

the 

act ivat ion 

energy has been 

calculated from 

the 


temperature dependence of the rale constant 'b'' in Avrami equation 
iEquation 1). 


The temperature dependence of the rate constant ''b'' can 
be written as 



The equation 2 shows that value of b can be 
from the plots of in C-lntl-xll against In t when 


CAD 

calculated 
time t is 


extrapolated to zero. 

The extrapolated values of In b from Fig. 20 have been 
plotted in Fig. iA-1) against 1/T, The slope ^ of the plot gives 
Q = 131 KJ/mole which is quite consistent with activation energy 
calculated from Fig. 21. 





Fig-lii; ) Plot of Inb vs. 1/T for calculation of activa- 
tion energy. 





